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a Commissariat à l’Energie Atomique (Saclay), DEN/DMN/SRMA/LC2M, bât. 455, 91191 Gif-sur-Yvette, France
b Institute of Physics of Materials, Academy of Sciences of the Czech Republic, Zizkova 22, 616 62 Brno, Czech Republic

Received 26 June 2006; accepted 15 December 2006
Abstract

16MND5 ferritic steel specimens are strained in uniaxial tension at different temperatures, from �196 �C up to 25 �C.
The TEM observations made after the tests reveal that strain localization takes place at the scale of lath blocks, where the
individual laths undergo bending straining. Noticeably, the lath boundary dislocations represent an important fraction of
the initial sources. Within the deformed laths, dislocations are homogeneously distributed at low plastic strain and grad-
ually condense into high density structures, with increasing deformation. Dislocation condensation takes place in the form
of cell walls or tilt boundary structures at T P 0 �C; in the form of sub-lath size clusters at T 6 �90 �C. Unlike in pure
iron, screw dislocation motion in 16MND5 steel is characterized by very active cross-slip and subsequent formation of
cross-kinks. It is believed that this self-locking effect contributes to strain hardening, in addition to dislocation accumula-
tion at the lath boundaries.
� 2007 Elsevier B.V. All rights reserved.
1. Introduction

16MND5 ferritic steel is used to manufacture the
pressure vessels of pressurized water nuclear reac-
tors. The prevention of brittle fracture in these com-
ponents is a fundamental issue in nuclear plant life
management. Generally, brittle fracture in pressure
vessel steels has a cleavage character. Most of the
cleavage mechanisms described in the literature
involve crystal plasticity associated with the genera-
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tion, motion and interaction of dislocations [1]. For
this reason, it is believed that toughness prediction
and especially its temperature dependence could be
better established, by using models accounting for
dislocation based plasticity. In practice, brittle frac-
ture takes place when the local stress state presents a
sufficient tri-axiality, i.e. includes a high maximal
principal stress [2,3].

In a-iron, it is known since many years that the
behaviour of dislocations is temperature dependent.
In the past, dislocation structures developing in uni-
axial straining were studied extensively, both in
single crystals and poly-crystals of pure iron [2,4].
The type of microstructures formed, either uniform
.
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density structures or cell structures, was shown to
depend on both the strain level and the test temper-
ature [4]. In 16MND5 bainitic steel however, data
on the evolution of the dislocation structures with
temperature and plastic strain is missing. This mate-
rial is made of very thin grains (laths) and therefore
a significant effect of the internal interfaces on the
dislocations arrangements can be expected. This
work aims to document and analyse the various dis-
location structures formed after tensile straining at
different temperatures, representative of the whole
ductile to brittle transition domain of the steel.

2. Experimental details

16MND5 steel (AISI denomination: A508CL3)
pieces were first taken from a pressure vessel nozzle
cut off. After forging, the heat treatment of the
material was the following: twice austenization at
865/895 �C for 4 h 30 min and water quenched then,
tempering at 630/645 �C for 7 h 30 min followed by
stress relieving at 610 �C for 8 h. A complete charac-
terization of the material under study was reported
elsewhere [5], including tensile tests on notched
specimens and fracture toughness tests on CT
specimens.

The heat treatment results in a bainitic micro-
structure, made of blocks of parallel ferrite laths
(see Fig. 1(a)). The typical individual lath is 10–
25 · 10–25 lm large, whereas the individual lath
thickness is 1–2 lm. In this paper, the direction par-
allel to the lath thickness is called the C-axis. The
Fig. 1. Sketch of the lath block structure in bainite. (a) One block of lath
C. The actual lath extremities in directions A and B are sharper than pic
the foil plane is cut parallel to the averaged C direction in a lath block,
parallel to the C direction, the foil is either comprised between markers
thickness (100–200 nm) is about one tenth of the lath thickness. In the
second case (markers 1–2), the whole lath boundary is visible, includin
TEM micrographs taken on different foils from
the same specimen are quite variable, depending
on the micro-structural features contained within
the foil. When the foil plane is parallel to the local
C-axis, only the lath cross-sections are present and
thus, visualized. In contrast, when the foil plane is
perpendicular to the C axis, the foil cuts through
either the lath bulk or the lath interface (see figure
caption 1(b)), yielding very different images.

The chemical composition of the 16MND5 steel
is given in Table 1. The tensile specimen geometry
adopted in this study is cylindrical with threaded
ends and a gauge diameter of 4 mm. The specimens
were machined from pieces cut at one fourth of the
vessel wall thickness. Fig. 2(a) shows the specimen
dimensions. The specimen loading axis is parallel
to the surface of the pressure vessel ring, along the
vessel axial direction. The tensile tests were per-
formed in an electro-hydraulic testing machine
INSTRON at a rate of 5 · 10�5 s�1 up to the plastic
strains of 2.5% and 8%, for the testing temperatures
of T = �196 �C, �90 �C, 0 �C. One additional ten-
sile test has been carried out at T = 25 �C in the
same conditions as before, up to the plastic strain
of 11%.

When the tensile tests are stopped at the comple-
tion of the selected plastic strains, the specimen is
removed from the testing machine for observation
in a TEM Philips CM-20 operating at 200 kV, using
a double tilt holder. Thin foils were prepared using
the standard double jet technique, from sections cut
at an angle of 45� to the specimen axis. Special care
s is represented with the typical dimensions in directions A, B and
tured. (b) Interpretation scheme for the TEM observations: when
only the lath cross sections are visible. When the foil plane is cut
2 and 3, or between markers 1 and 2, since the typical TEM foil
first case (markers 2–3), the whole lath plane C is visible. In the

g all the inter-lath carbides.



Table 1
Composition of 16MND5 steel (wt%)

C S P Mn Si Ni Cr Mo V Cu Co Al

0.16 0.008 0.005 1.38 0.24 0.70 0.17 0.50 0.005 0.06 0.01 0.020

Fig. 2. Tensile specimen geometry. (a) Specimen dimensions, (b) sketch of the specimen markings made before to thin foil cutting. The
initially circular gauge section is flattened along the longitudinal direction and then cut at 45� from the tensile loading axis, using spark
machining. This way, the (1 mm thick) sections cut parallel to the new oblique section include a short, rectilinear portion. After thin foil
preparation, this rectilinear portion is aligned with the tilt axis of the specimen holder. Hence, in the TEM coordinate system, the tensile
axis is at the same time perpendicular to the specimen holder tilt axis and 45� away from the foil plane.
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was taken to mark the tensile direction (see
Fig. 2(b)) and so, the orientation of each lath rela-
tive to the loading axis could be determined using
diffraction patterns or Kikuchi lines.
Fig. 3. Stress–strain curves of the steel at different temperatures.
The arrow markers indicate the plastic strain of the interrupted
tensile tests: 2.5% and 8%.
3. Results

3.1. Stress–strain curves

The experimental load–elongation curve was con-
verted into a stress–strain curve, under the assump-
tion of uniform elongation of the gauge length.
Fig. 3 shows the stress–strain curve of the steel
obtained at the test temperatures T = �196 �C,
�90 �C and 0 �C. The stress–strain curve at
T = 25 �C is not shown but is similar to the curve
obtained at T = 0 �C. High yield point, yield drop
and ductile straining zone characterize tensile testing
at �196 �C, in agreement with the behaviour of
other bcc metals [6–8]. At this temperature, a Luders
plateau is obtained for plastic strains up to 3%, when
uniform gauge section specimens are used. However,
the plateau is suppressed when sharp notched speci-
mens are used [5]. Hence, this phenomenon is
ascribed to structural effects rather than to the (aver-
aged) mobile dislocation density evolutions. In most
of the tests, the plastic strain of 2.5% corresponds to
the end of the plateau. This minimal test interruption
level was selected (see Fig. 3) with a view to facilitate
the analysis of subsequent TEM examinations
(structural effects are indeed limitted past 2.5% plas-
tic strain). Despite that precaution however, defor-
mation along the specimen length is not uniform,
regardless of the testing conditions (see Section
3.3). The yield stress sharply decreases from about
900 MPa down to 550 MPa, when the temperature
increases from T = �196 �C to T = �90 �C. The
yield stress change is comparatively smaller between
T = �90 �C and T = 0 �C, i.e. from about 550 MPa
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down to 450 MPa. The relative strain hardening rate
change between T = �196 �C and T = 0 �C is slight,
i.e. from about 2 GPa up to 2.5 GPa (at 2.5% plastic
strain).
Fig. 5. Example of lath boundary dislocations viewed in sharp
contrast conditions. The dislocations next to markers a and b
have the screw type, with the [111] and [�111] Burgers vectors.
The foil was cut perpendicular to the lath extremities, whereas the
directions A or B are nearly parallel to the beam direction. The
beam direction is [�3203], g = [101], the foil plane is close to
(010). The label TA means the projection of the tensile axis in the
image plane.
3.2. Dislocation arrangements in the initial

material condition

The initial dislocation densities in the material
(prior to straining) are in the range of 1013 m�2 to
2 · 1014 m�2, depending on the individual laths.
The dislocation densities are measured by summing
up the total dislocation length located in 2 lm ·
2 lm representative TEM foil regions. The selected
regions present sharp thickness fringes, when
using 2 g imaging conditions. This way, the local
foil thickness measurement is straightforward. The
lath having the largest dislocation densities (2 ·
1014 m�2) comprise wall structures, likely formed
during the prior heat treatment (see the arrow mark-
ers, in Fig. 4(a)). These structures are more frequent
in the vicinity of lath or block boundaries. The laths
showing less important dislocation densities
(1013 m�2) comprise uniform dislocation distribu-
tions (see Fig. 4(b)). In TEM, lath boundaries usu-
ally produce a typical moiré-like fringe contrast.
Using specific tilt angles however, the presence of
regularly spaced screw dislocation arrays can be evi-
denced, in the lath interfaces (see Fig. 5). The aver-
age spacing between the interfacial dislocations is
about 3–6 nm. These lines present specific Burgers
vectors, obtained at the time of lath growth [9]. In
lath boundaries having the proper orientation with
respect to the foil plane (in TEM foils cut between
markers 1–2, in Fig. 1(b)), carbides in the form of
needles or globular particles are also visible, with
Fig. 4. Intra-lath dislocation structures before tensile testing. (a) A frac
during annealing (arrow markers). The average dislocation density in th
dislocation density q = 1013 m�2. In micrographs (a) and (b), the lath C
a mean diameter of 0.1 lm. These particles partially
cover the lath boundaries, with an area fraction 60–
80%. The individual lath misorientations within a
given lath block are nowhere larger than 5�. The ori-
ginal austenitic grain size was evaluated to be
50 lm. Sporadic, isolated particles up to 10 lm in
size are observed as well.
3.3. Dislocation arrangements in deformed tensile

specimens

3.3.1. Dislocation arrangements at T = 25 �C and

11% plastic strain

In practice, the dislocation densities can vary
from a bainitic lath to a lath. The volume fraction
of the deformed laths is larger than 50%. The
tion of the laths contain dislocation wall nucleus probably formed
ose laths is about q = 2 · 1014 m�2. (b) Laths exhibiting a uniform

-axis is nearly parallel to the foil plane.



Fig. 6. Equiaxial dislocation cells formed at T = 25 �C after 11% plastic strain. The beam direction is close to [001], g = [1�10], the lath
C-axis is more or less perpendicular to the foil plane. The label [111]p means the projection of the [111] direction in the foil plane.
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deformed laths are randomly scattered along the
specimen length. In the following, attention was
mainly paid to the deformed regions. The typical
structures are equiaxial cell walls (see Fig. 6), with
an average cell diameter of 100–200 nm. The corre-
sponding surface slip markings are very wavy,
which makes it difficult to unambiguously determine
the slip plane orientations. Nevertheless, a fraction
of the laths contain regular edge dislocations arrays
(one dislocation every 7–10 nm, see Fig. 7(a))
instead of cell walls. These arrays are interpreted
as tilt boundaries (see Section 4) and clearly involve
dislocations from the (11 0)[111] slip system, as
sketched in Fig. 7(b). A few laths exhibit uniform
dislocation density distributions, as in Fig. 8(a).
Comparison between Fig. 8(a) and (b) readily shows
that the dislocations in lath-3 have the same Burgers
vector (b = a/2[1–11]) as the dislocations in the lath-
2/3 boundary, where small inter-lath carbide needles
are also visible.
1 In textbooks, the viewing axis is usually parallel to the edge
direction.

2 The extinction contour visible in Fig. 10 is consistent with
lattice rotation 5�–10�.
3.3.2. Dislocation arrangements at 0 �C

The volume fraction of the deformed laths
increases with increasing amount of plastic defor-
mation, attaining about 30% at 8% plastic strain.
At low plastic strain (2.5%), the dislocation density
is rather uniform, with numerous accompanying
dislocation loop debris (see Fig. 9). When the plastic
strain increases to 8%, the dislocations condense
into either tilt boundaries or, in a few cases, into
elongated cell arrangements (see Fig. 10(c)). In this
material, elongated cells have been observed next to
the rupture surface of CT specimens, after very large
plastic strains due to ductile tearing [10]. Thus, the
cell structures in Fig. 10(c) were possibly formed
in the vicinity of important inclusion particles,
located out of the plane where the TEM foil was
cut. One specific example of tilt boundary structure
is presented in Fig. 10(a), where the beam direction
is perpendicular to primary the slip plane, unlike the
usual viewing axis adopted in textbooks1. This
structure is accompanied with a bending extinction
contour, in evidence across the whole lath (foil cut
along the lath C-axis)2.
3.3.3. Dislocation arrangements at �90 �C

The volume fraction of the deformed laths
decreases with decreasing temperature, attaining
15%, at 8% plastic strain. At 2.5% plastic strain,
the deformed laths contain a uniform dislocation
density distribution, with accompanying loop deb-
ris. The tilt boundaries as described in Sections
3.3.1 and 3.3.2 are no longer observed. Instead,
the dislocation density becomes slightly heteroge-
neous and small dislocation clusters are formed, as
shown in Fig. 11. The clusters tend to be aligned
along the screw directions. With increasing plastic
strain, the dislocation clusters increase in size (see
Fig. 12), especially near the lath or prior c grain
boundaries.
3.3.4. Dislocation arrangements at �196 �C

The dislocation structures and surface slip mark-
ings obtained at T = �196 �C are described in more
details in [11], where {110}h111i active slip systems



Fig. 7. Various examples of dislocation structures formed at T = 25 �C after 11% plastic strain. (a) Tilt boundary structure. (b) Sketch of
the dislocation structure in micrograph-a. The beam direction is close to [001], g = [�110] and the lath C-axis is nearly parallel to the foil
plane.

Fig. 8. Uniform density dislocation structure formed at T = 25 �C after 11% plastic strain. (a) The dislocations emitted in lath-3 and in
lath-2/lath-3 boundary are in sharp contrast condition. (b) The dislocations in lath-3 and in lath-2/lath-3 boundary (arrow marker) are
both out of contrast after a relative tilt of 2�, to micrograph a. Consequently, the dislocations in lath-3 have the same Burgers vector as the
dislocations in lath-2/lath-3 boundary, where small inter-lath carbides are clearly visible. The beam direction is close to [001], g = [110],
the C-axis in lath-2 and lath-3 is more or less parallel to the foil plane.
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are evidenced. The typical dislocation arrangement
at 2.5% plastic strain is shown in Fig. 13: a uniform
distribution of screw dislocations, with Burgers vec-
tor of the primary and secondary slip systems.
When the plastic strain is increased to 8%, the dislo-
cations have the same character as at low strain.
Nevertheless, they are no longer homogeneously
distributed within the laths and condensation in
the form of clusters is clearly observed (see
Fig. 14). In Fig. 13(b), accompanying dislocation
loop debris are visible. Tilt boundaries are nowhere
present in the material deformed at T = �196 �C,
like at T = �90 �C.
4. Discussion

To the best of our knowledge, the active slip sys-
tems in 16MND5 steel have the {110}h111i type, in
the whole temperature range considered in this
work. Strain localization in 16MND5 steel is never-
theless temperature dependent: the volume fraction
of deformed laths increases from 10% at
T = �196 �C up to about 30% at T = 0 �C, for the
same amount of macroscopic plastic strain (8%).
In the deformed laths of specimens strained at
T = 0 �C and 25 �C, edge-type dislocation arrays
are frequent (see Fig. 7). In the absence of disloca-



Fig. 10. Dislocation structures formed at T = 0 �C after 8% plastic strain. (a) Dislocation structure comprising at least two active slips
systems, i.e. with b = [111] and [�1–11]. The structure geometry is consistent with local bending moments parallel to the specimen surface,
like the bending extinction contour visible across the whole lath. The beam direction is [�10107] and g = [110]. (b) Sketch of the
dislocation structure (next to the arrow markers) shown in micrograph-a, i.e. formed by dislocations with b = [111]. The whole structure
shown in micrograph-a is more complex and probably includes a twist component, due to other active slip systems. (c) Example of
elongated dislocation cells, with g = [0–11]. The lath C-axis is nearly perpendicular to the foil plane in micrographs-a and c.

Fig. 9. Characteristic dislocation structures formed at T = 0 �C after 2.5% plastic strain. (a) Uniform density dislocation structures, (b)
detail of micrograph-a, where screw and edge dislocations and dislocation loop debris are clearly visible. The beam direction is [�101],
g = [101], the lath C-axis is parallel to the foil plane.
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tion climb, it is believed that these structures are
inherited from the initial lath boundary dislocation
structure; made of uniformly spaced, parallel dislo-
cation lines (see Fig. 5). Direct evidence for interfa-
cial dislocations acting as dislocation sources is
presented in Fig. 8. When activated, the initial screw



Fig. 11. Dislocation structures formed at T = �90 �C after 2.5%
plastic strain. Small dislocation clusters are visible. This micro-
graph reveals the activity of lath boundary dislocation source,
likely due to the complex, local stress state. The beam direction is
[373], g = [�101], the lath C axis is almost parallel to the foil
plane.

Fig. 12. Characteristic dislocations structures at T = �90 �C
after 8% plastic strain. Large dislocation clusters. The beam
direction is [�20�320], the foil plane is close to (�101),
g = [101], the lath C-axis is nearly perpendicular to the foil plane.

3 The constitutive stress–strain behaviour of each Gauss point
depends on the crystalline orientation attributed to each specific
element, according to electron back-scattering diffraction (EBSD)
data.

4 Displacements are imposed to the appropriate boundary
nodes. After loading beyond the yield point, the local rotations
are computed by post-processing the node displacement data.
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segments (sources) move across the lath and leave
edge segments in the crystal. Then, these edge seg-
ments are available to form edge-type arrays as
sketched in Figs. 7(b) and 10(b). As a result, most
of the edge-type dislocations tend to remain within
the bulk of the laths and so, the majority of the dis-
locations crossing the lath interfaces are of the screw
type. Since the mobile screw dislocations are in gen-
eral parallel to the lath interfaces (see Section 3.2),
clear surface markings are rather un-frequent, even
after straining to 8% (see also [11], for details).

Dislocation structures as shown in Fig. 7 are also
frequent in specimens undergoing macroscopic
bending straining. For this reason, it is believed that
bending also takes place here during tensile testing,
albeit at the scale of the individual laths. In
16MND5 steel indeed, the tensile axis is generally
not parallel to any of the main lath directions, either
A, B or C. This, combined with the presence of dis-
ordered neighbouring lath blocks induces bending
moments to which the small lath cross-section (in
direction C) bears little resistance. That interpreta-
tion is supported by finite element method simula-
tions, using meshing3 representative of the
16MND5 steel lath block microstructure [12]. In
these calculations, significant rotations are obtained
inside the band-like, deformed regions4. The highly
deformed bands are scattered across the simulation
volume. They correspond to elements having
specific orientations with respect to the loading
direction and to the elements in neighbouring lath
blocks. In general, large misorientations between
contiguous lath blocks induce important, multi-
axial rotations (or multi-axial bending straining).
Based on these results, the regular edge-type dislo-
cation arrays in Figs. 7 and 10 are interpreted as tilt
boundary structures. This interpretation helps to
establish the following lath deformation scheme.
At low plastic strain, one tilt (or twist) array per
loading axis is generated inside individual laths,
provided dislocation sources are available in the
appropriate, geometrically necessary slip system.
For increasing deformation, screw dislocations from
one slip system can add a twist component into a
prior formed (and relatively immobile) tilt structure
from a different slip system, giving rise to cell walls
[13]. In 16MND5 steel at T = 0 �C and 25 �C, it is
believed that the laths containing isolated tilt
boundaries are moderately deformed, after single
bending; whereas the laths containing cell walls
come from more severely deformed lath blocks,
undergoing multi-axial bending. It is also noted that
the cell structures in deformed bainite are about
200–400 nm in size, whereas they are 1–2 lm large
in pure iron poly-crystals with 100 lm grains, for
the same plastic strain and test temperature [4].
Therefore, the cell size in 16MND5 steel scales with
the lath size, in A or B directions (10–25 lm). This
indicates that the carbide decorated lath boundaries



Fig. 14. Characteristic dislocation structures at T = �196 �C after 8% plastic strain. (a) Dislocation condensation into micron-sized
clusters (arrow marker) is clearly visible, (b) detail of the cluster structure in micrograph-a. The beam direction is [�554], g = [110], the
lath C-axis is perpendicular to the foil plane.

Fig. 13. Characteristic dislocation structure at T = �196 �C after 2.5% plastic strain. (a) Homogeneously distributed dislocations, (b)
detail of micrograph-a, where series of aligned debris loops left by the [111] screw dislocations are clearly visible. The lath C-axis is almost
perpendicular to the foil plane.
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can inhibit direct slip transmission from one lath to
another5, at least in the A or B directions (see
Fig. 1).

For plastic strains larger than 2.5%, dislocations
collect into high-density dislocation arrangements
of different types, depending on the test tempera-
ture. This way, the tilt boundaries structures present
in the deformed steel at T P 0 �C are absent at
T P �90 �C. In contrast, the clusters found at
T 6 �90 �C were not observed at T P 0 �C. In an
attempt to explain this effect, it is interesting to note
that the edge dislocations making up the tilt bound-
ary structures (for T P 0 �C) are at least 200 nm
long (see for example Fig. 7(a)). Conversely, the
edge dislocations produced at lower temperature
are in the form of loop debris or cross-kinks (see
5 In spite of the small inter-lath misorientations.
next paragraph) thus, are much smaller than
200 nm in size. In the present testing conditions
thus, temperature fixes the length of the available
edge dislocations. For T 6 �90 �C, the edge dislo-
cations are possibly too short to form tilt boundary
structures.

In bainitic steel, cross slip is quite active even at
low plastic strain (2.5%) and for all test tempera-
tures T 6 0 �C, as attested by the numerous debris
loops left on the dislocation wake, signature of
double cross slip events (see for example Figs.
9(b), 13(b) and 14(b)). The intermediate stage in
such a debris loop mechanism is the formation of
‘cross-kinks’ that directly result from collision of
kinks formed in primary and cross slip planes and
gliding in opposite directions [14]. The debris loops
are emitted when proper kink pair nucleation
events induce line reconnection in a single slip plane
[15]. In principle, the cross-kinks are obstacles to
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dislocation motion and can participate to mobile
dislocation exhaustion, especially at low tempera-
ture, where dislocation pinning is weak and infre-
quent [11]. Screw dislocation motion associated
with very active, random cross-slip and loop debris
emission is sometimes called ‘rough’ [15]. Obvi-
ously, such screw dislocation motion is promoted
by complex loading conditions,6 due to multi-axial
bending moments for example. One additional
cause can be pointed out thanks to recent molecular
dynamics (MD) simulations. In Ref. [16] indeed, it is
showed that screw dislocations (loaded in single
slip) in bcc iron undergoes random cross-slip, when
the imposed stress exceeds a critical value. Inciden-
tally, the activation energy in 16MND5 steel is sig-
nificantly higher than in Fe7 thus; the effective stress
in 16MND5 steel is correspondingly larger than in
Fe, for a fixed amount of plastic strain. This could
explains in part why random cross-slip is clearly
observed in bainitic steel and usually not in pure
iron, neither in single nor in poly-crystals [4].

The strain hardening behaviour of the steel can
be further analysed using an analytical model,
assuming a uniform dislocation density.8 The total
dislocation density is first taken as the sum of the
mobile dislocations qm plus the immobile or stored
dislocations qs. Then, the following balance equa-
tions are proposed, based on information coming
from in situ examinations in bcc crystals:

_qm ¼ MqmV � Aq2
m V 2 � EqmV ; ð1Þ

_qs ¼ EqmV ; ð2Þ

where V is the mobile dislocation velocity, M, A and
E are constants characterizing dislocation multipli-
cation, dislocation pair annihilation and mobile
dislocation exhaustion, respectively. Dislocation
multiplication and exhaustion involve single dislo-
cations therefore; it is taken proportional to (qV).
Dislocation annihilation involves dislocation pairs
thus; it is taken proportional to (qV)2. The exhaus-
tion kinetics �EqmV in expression-(1) gives the
immobile dislocation generation term +EqmV in
expression-(2). The evolution of the total disloca-
tion density evolution is, by combining expressions
(1) and (2)
6 Since a multi-axial loading generates stress components
facilitating the activation of cross-slip.

7 In Fe, the activation energy is DG = CkBT with C = 20–25. In
16MND5 steel C = 30–40 (unpublished results).

8 In 16MND5 steel, this assumption is valid at least up to 2.5%
plastic strain.
_qt ¼ _qm þ _qs ¼ MqmV � Aq2
mV 2: ð3Þ

The mobile dislocation density at saturation is ob-
tained from expression-(1) by taking _qm ¼ 0, then

ðM � EÞ � AqmV ¼ 0: ð4Þ

Combining expression-(4) and the Orowan equation
yields

_e
b
¼ qmV ¼ M � E

A
: ð5Þ

By combining expression-(3) and expression-(5),
one obtains:

_qt ¼
M � E

A
M � A

M � E
A

� �
¼ E

M � E
A
¼ E_e

b
ð6Þ

and finally, by integrating expression-(6)

qt ¼ q0 þ
E
b

_et ¼ q0 þ
E
b

e: ð7Þ

At least two distinct contributions to the constant E

are expected. The first contribution comes from the
long range stress field due to the dislocations accu-
mulating at the lath boundaries.9 It is believed that
dislocations accumulate at the lath boundaries
thanks to the inter-lath carbide particles. In absence
of particles, slip would probably be transmitted from
one lath to the other, owing to the small inter-lath
misorientations. In expression-(7), the hardening
role of the carbides is thus implicitly accounted for.
When random cross-slip takes place (at high effective
stress), the second contribution comes from the self-
locking effect due to the above-discussed cross-
kinks. The need to account for the latter mechanism
can be established (or dismissed) by computing the
hardening due to the first contribution only. In that
case, the stress increase is given by Taylor’s expres-
sion, i.e. it is proportional to the square root of the
total scalar dislocation density

r ¼ alb
ffiffiffiffi
qt

p ¼ alb

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
q0 þ

E
b

e

r

¼ alb
ffiffiffiffiffi
q0

p
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1þ E

q0b
e

s
; ð8Þ

where a is a coefficient, characterizing the obstacle
strength10 and l is the shear modulus. Differentiat-
ing equation-(8) with respect to e yields
9 As mentioned above, the dislocation cell size scales with the
lath size, in A or B directions.
10 The strength of the lath boundaries, in that case.
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Dr
De
¼ alE

2
ffiffiffiffiffi
q0

p ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1þ E

q0b e
q ¼ alE

2
ffiffiffiffi
qt

p : ð9Þ

By comparing Figs. 9(b) and 13(b), it is readily
established that quantity qt is practically the same
at T = 0 �C and T = �196 �C (and ep = 2.5%).
Qualitatively, expression-(9) explains the tempera-
ture independent strain hardening behaviour of
16MND5 steel (see Fig. 3), provided D(alE)/
DT � 0. A quantitative validation of expression-(9)
can be proposed by noting that the total screw dis-
location density qscrew � 2.5 · 1013 m�2 in Fig. 13(b)
represents about one tenth of the dislocation density
in the lath boundaries.11 Therefore, the initial num-
ber of screw dislocations is sufficient to accommo-
date the imposed straining and so, little
multiplication actually takes place per individual
(screw-type) source, in agreement with the lath
deformation scheme sketched in Figs. 7(b) and
10(b). Hence, q0 � qscrew = 2.5 · 1013 m�2 and by
using a = 0.3, l = 74 GPa, expression-(9) predicts
the correct strain hardening (2 GPa, at ep = 2.5%)
provided E = 6.7 · 106 m�1. To replace E in equa-
tion-(7) yields qt � 2.2 · 1015 m�2 at ep = 8%. This
prediction is correct to the first order, by compari-
son with the (average) scalar dislocation densities
in Fig. 14(b) (for example), i.e.qt � 5 · 1014 m�2.
Better consistency can be achieved either by modify-
ing expression-(8) or by using an ad-hoc a coeffi-
cient, characterizing the effective obstacle strength.
Therefore, specific obstacle types or exhaustion
mechanisms need to be accounted for in addition
to the lath boundaries and their associated carbides,
in order to achieve more accurate hardening predic-
tions. Finally, it should be recalled that expression-
(9) describes the averaged stress–strain behaviour
related to homogenised dislocation density evolu-
tions. Obviously, more development is needed in
order to predict or to describe the hardening due
to structural effects, like the Luders plateau
obtained at low temperature (see Section 3.1).
5. Conclusions

From TEM examinations of the dislocation
structures after tensile straining in 16MND5 bain-
itic steel between T = �196 �C and T = 25 �C, the
following conclusions are presented:
11 In the lath boundaries, qscrew � 2.2 · 1014 m�2 using
(25 lm · 25 lm · 1 lm) as a reference lath volume.
(1) The screw dislocations located in the lath
boundaries represent an important fraction
of the initial sources, especially for T P 0 �C,
where direct evidence has been obtained. To
the best of our knowledge, the active slip sys-
tems have the {110}h111i type, in the whole
temperature range considered in this work.

(2) After the tests, strain localization takes place
at the scale of lath block structures. At
constant temperature, the volume fraction of
the deformed zones increases with increas-
ing plastic strain. At constant plastic strain,
the volume fraction of the deformed zones
increases with increasing temperature.

(3) Even though the macroscopic loading is ten-
sile, the individual laths tend to deform in
bending, especially for T P 0 �C. This effect
is believed to be related to specific lath block
misorientations and to the comparatively
small lath cross-section in direction C.

(4) Within the deformed laths, the dislocations
are distributed homogeneously at low plastic
strain (2.5%) and gradually form denser struc-
tures, with increasing deformation (8%). Dis-
location condensation takes place in the
form of sub-lath size clusters at temperatures
T 6 �90 �C, in the form of tilt boundaries
and cell walls at temperatures T P 0 �C.

(5) The cell structure sizes scale with the lath sizes
in A or B type directions. This shows that the
(carbide decorated) lath boundaries efficiently
block direct slip transmission, from one lath to
another. Dislocation accumulation at the lath
boundaries is shown to be a first order contri-
bution to the strain hardening behaviour.

(6) Unlike in pure iron, screw dislocation motion
in bainitic steel is characterized by very active,
random cross-slip. This results in the forma-
tion of cross-kinks, a self-locking effect that
most probably contributes to mobile disloca-
tion exhaustion and therefore, to strain hard-
ening. The important cross-slip activity is
thought to be related to the relatively high
effective stress acting in the steel.
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